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ABSTRACT: We have developed constitutive and molecular mechanics models to investigate the influence
of chain-end defects on the macroscopic tensile properties of extended-chain polymers of finite molecular
weight. Molecular mechanics simulations have been performed on the rigid-rod polymer PBZO, poly(p-
phenylene benzobisoxazole), using the Dreiding II force field. The distance between chain ends (i.e., the
chain length) can be varied systematically by increasing the size of the simulation unit cell in the chain
direction. From this analysis it is possible to analyze the micromechanics of stress transfer between
chains in detail. At chain ends, the applied tensile stress is transferred to the nearby chains through a
shear lag region via secondary bonds. A constitutive model is developed for a geometry similar to the
PBZO molecular simulations. The calculated strain distribution along individual chains describes well
the strain distribution along the PBZO molecules. The model predicts a nonlinear response of the material
and a transition in tensile failure mode from chain slip to chain scission, which depend on the interchain
shear strength and the length of the polymer molecules. The influence of intermolecular shear modulus,
shear strength, and molecular chain length on macroscopic properties such as tensile modulus, tensile
strength, and elongation to break is examined. It is found that in the molecular engineering of strong,
tough polymer fibers, an optimum combination of shear strength and chain length must be chosen.
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(1) Introduction

The concept of fully extended-chain polymers was
advanced by Staudinger more than 60 years ago.! The
development of lyotropic liquid crystalline fibers which
can be dry-jet wet spun into highly oriented fibers has
made it possible to closely approach this limit.2 As a
result of their extended molecular configuration, these
fibers possess very high tensile moduli (<200 GPa) and
tensile strengths (4 GPa).?2 Extended-chain polymers
include the aromatic polyamides such as poly(p-phe-
nyleneterephthalamide) (PPTA or commercial name
Kevlar), aromatic copolyesters of p-hydroxybenzoic acid
(HBA) and 2-hydroxy-6-naphthoic acid (HNA), and the
rigid-rod polymers poly(p-phenylenebenzobisoxazole)
(PBZO) and poly(p-phenylenebenzobisthiazole) (PBZT).
Extended-chain polymers have been the subject of
intense characterization efforts. The main element of
the structure is an oriented microfibrillar network
formed upon coagulation of the liquid-crystalline fiber.?
The microstructure of extended-chain polymers such as
PBZO has been studied in detail.*

A complete theoretical treatment of the tensile de-
formation of extended-chain polymers is an enormous
task because of the complexity of the structure. Mo-
lecular simulation gives information on the molecular
scale of the deformation of single molecules or of a
perfect three-dimensional array of molecules. In this
case the structural characteristics of the material are
not considered. Only a theoretically perfect crystal
elastic modulus may be obtained. Similarly, techniques
such as Raman spectroscopy, X-ray diffraction, and
pulse propagation techniques only determine the crystal
lattice modulus.>8 Efforts have been directed toward
developing simple constitutive models that predict the
macroscopic tensile deformation and fracture behavior
of extended-chain polymers using their structural char-
acteristics and theoretical mechanical properties. We
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review some of the existing models. A special emphasis
is then made on structural models and deformation
models related to the presence of chain-end defects.

Northolt and Hout described the dependence of the
elastic properties on the orientation distribution of the
crystallites.” In this series model, the fiber is regarded
as being built up of parallel aligned fibrils in which
crystallites having a narrow orientation distribution
relative to the fiber axis are linked end to end. The
elastic extension of the fibrils results from the elastic
stretching of the polymer chains and from the shear
deformation induced crystallite rotation. For this model
it is shown that the modulus E is given by

VE = VE_ + (sin® ¢ )/2G

where E. is the chain or sonic modulus, (sin? ¢,) is the
orientation parameter, and G is the shear modulus. The
equation for the stress o—strain ¢ curve of the fiber with
well-oriented chains is

€ = €gtretch + €rotation —

0lE, + Yy(sin® ¢ )[1 — exp(a/G)]

Allen et al. derived similar equations by considering
the coupling between axial loading and shearing defor-
mation.! The relationship for the modulus variation
during deformation is

VE = VE, + Ktan® ¢ )/G] exp(—20/G)

where E, is the asymptotic modulus at high stress. The
stress—strain equation obtained by integration is

¢ = o/E, + [(tan® @ )2][1 — exp(—20/G)]

Penning et al. developed a simple morphological
model for high molecular weight polyethylene, of mi-
crofibrils consisting of an almost infinite sequence of
crystalline blocks interrupted by disordered domains.?
Taut tie molecules (TTM) form the connections between
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adjacent crystalline blocks. According to this model,
sample failure will occur when the TTM in the disor-
dered domains are stressed to fracture. The strength
of the fiber is

0r = Boy,

where § is the fraction of TTM in the disordered
domains and oy, represents the theoretical strength of
the chain. The modulus of the fiber is

E =E,[1 + (LyL V(1 + (UBXLyL,)

where E, is the theoretical modulus and L4/L. is the
ratio of the length of the disordered domain to the length
of the crystalline blocks in the microfibril. L4/L. may
be calculated from the crystallinity ¥ and is given by

LyL,= (1 - iy — B)

Shuppert presented a model for the transport of
defects to explain the creep of oriented high-modulus
fibers.1® He derived equations for the elastic modulus
of two parallel chains. If one of the chains is pulled to
one side and the other to the other side, then the tensile
modulus E is

E = 2E (f sinh f)(f sinh f + cosh /)

where E, is the chain elastic tensile modulus, f =
L(2w)2, u = GJ/(EX?), 2L is the length of the chains,
G, is the interchain shear modulus, and X is the
interchain distance. Alternatively, if only one chain is
pulled but in both directions, the tensile modulus of the
two chains model becomes

E = 2E (f cosh A(f cosh f + sinhf)

Martin has introduced “intermolecular twist defects”
representing local physical entanglements between
chains that are likely to be present at the gain boundary
phase area between crystallites.!! The modulus of the
twisted bundle, E, is found to decrease with respect to
that of the untwisted reference state, E,, as follows:

E/E,=1/(1+ (1 + v)/tan® @)

where v is the Poisson ratio and o is the angle of twist.

All the above models relate the polymer’s macroscopic
deformation behavior to microstructural characteristics.
Structural models and deformation models related to
the presence of chain ends resulting from finite molec-
ular weight are presented in the next paragraphs.

Predecki and Statton showed the importance of chain-
end defects on the structure of crystalline polymers.12
Four simple types of line defect can be generated by
chain ends: screw and edge dislocations and coupled-
screw and coupled-edge dislocations. The coupled-screw
and coupled-edge dislocations are shown to be more
energetically favorable than screw and edge disloca-
tions. A random arrangement of chain ends in an
otherwise perfect molecular arrangement may disorder
the structure sufficiently to make it appear “amor-
phous”. Examples of defects are given, including clus-
ters of chain ends, chain ends which are condensed into
line defects, and boundaries between misaligned crys-
talline regions.

Morgan et al. described the deformation and failure
processes of PPTA fibers as controlled primarily by
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chain-end concentration and chain-end distribution
within the fiber.'® Their proposed structural model
particularly emphasizes the chain-end distribution. The
macromolecules are assumed to be aligned parallel to
the fiber axis, with the chain ends on the fiber exterior
arranged essentially randomly relative to one another
and becoming progressively more clustered in the fiber
interior. The clustering results in periodic weak planes
every 200 nm, or average PPTA macromolecular length,
along the fiber axis. This chain-end model makes it
possible to explain the experimentally observed fracture
surface of Kevlar 49 without involving macromolecular
chain scission. As emphasized by the authors, chain
scission and molecular pullout also occur during the
failure of PPTA fibers.

Bartenev et al. have presented an analysis of the
theoretical strength of polymers in a completely oriented
state by accounting for the intermolecular interaction
and finite length of polymer chains.!¢ In the model, the
stretched macromolecules represent a planar zigzag,
similar to polyethylene. The macromolecules are joined
at the ends by dispersion bonds which are the weakest
links in the structure. Intermolecular interactions are
continuously distributed along the macromolecular
length. The elastic deformation of the whole macro-
molecule is determined by the deformation angles.
However, the destruction of the structure occurs first
by rupture of the dispersion bonds between the ends of
the macromolecules, then by slippage or by rupture of
the macromolecules themselves depending on the mo-
lecular weight and molecular interactions. Numerical
evaluation of the theoretical strength of fully oriented
Kapron shows that the theoretical strength is practically
independent of the degree of polymerization. This
means that at all molecular weights in fully oriented
Kapron, the rupture of the macromolecules occurs
without their slippage. The authors emphasize the
importance of the intermolecular interaction.

Termonia et al. have theoretically studied the influ-
ence of the molecular weight and the influence of the
anisotropy between intrachain and interchain forces on
the fiber strength.15-17 These studies consider the case
of ideal fibers made of a perfectly ordered array of fully
extended macromolecules, with no defects other than
chain ends. The approach is based on the kinetic theory
of fracture in which the bond ruptures are simulated
by a Monte Carlo process on a three-dimensional array
of nodes. The covalent bonds are represented by strong
bonds between nodes in one dimension, and the weak
interchain secondary bonds are represented by weak
bonds between nodes in the other two dimensions. For
polyethylene fibers, the authors find a gradual change
in the failure process from slippage involving rupture
of secondary bonds at low molecular weight to chain
fracture as well as secondary bond rupture at high
molecular weight.!®> For PPTA, a high concentration of
stress rapidly starts to build up due to the high
concentration of chain ends resulting from the small
number of PTA units per macromolecules. As a result,
catastrophic failure is initiated through rupture of the
macromolecules themselves.1® The effect of chain end
segregation on the tensile deformation behavior of PPTA
and polyethylene is explored.l”

In a recent study, Termonia described the effects of
fiber size and polymer molecular weight on chain-end
segregation extent.!® The model focuses on the limiting
case of maximum possible segregation. For a monodis-
perse molecular weight, it is found that the lateral
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extent of the coupled chain-end aggregates is propor-
tional to the fiber diameter, above a certain fiber size.
Polydispersity however leads to a significant decrease
in the size of the aggregates. A majority of single
coupled chain-end defects is observed for reasonable
values of fiber diameter to chain length ratio and of
polydispersity index. A strong tensile strength/fiber
diameter relationship is found for monodisperse chain
length distribution, whereas a much weaker relation-
ship is observed for polydisperse chain length distribu-
tion.

Yoon has developed a theory of the tensile strength
of highly oriented fibers and compares its results with
existing tensile strength data of HBA/HNA thermotropic
copolyester fibers.!® The fiber structure is assumed to
be a short fiber composite in which the reinforcing fibers
are the polymer chains. It is assumed that the fiber
breakage occurs when the interchain interaction force,
e.g. the shear stress, exceeds a critical value. Both the
chain length distribution and the chain orientation
effects are included in the model. The authors find an
excellent fit between the experimental tensile strength
values and the tensile strength calculated using a most-
probable chain length distribution. Introducing the
effect of orientation distribution leads to very little
change in the calculated strength. Yoon concludes that
the tensile strength increase upon heat treatment of
HBA/HNA aromatic polyester fibers is mostly due to a
molecular weight increase resulting from transesteri-
fication. This is suggested from the tensile strength of
both as-spun and heat-treated fibers being predicted
with a single shear strength. However this is not
relevant for PPTA and PBZO since no intermolecular
reactions are expected in these materials during heat
treatment. Yoon points out that the increase in tensile
strength observed upon heat treatment of Kevlar fibers
may result from an increased shear strength. Another
conclusion is that the fiber stress—strain behavior
should be essentially elastic and thus reversible, This
conclusion is based on the bonded length at fracture
being 10 times larger than the average chain length.

In the present work, the deformation behavior of
polymers in a perfectly oriented state is studied by
taking into account the intermolecular interactions and
molecular weight of the macromolecules. We use mo-
lecular modeling to follow the strain distribution along
individual molecules and to show the effect of chain-
end density on the theoretical tensile modulus. We
develop our own constitutive model to describe the
stresses on a single macromolecule of finite length in
an oriented extended-chain polymer, as well as to
evaluate the general deformation behavior and mode of
failure of the polymers. We predict mechanical proper-
ties such as tensile strength and strain to failure as a
function of intermolecular shear strength, intermolecu-
lar shear modulus, and chain length. Throughout this
paper, comparisons of the present approach and Yoon’s
approach and comparisons of the present results and
Termonia et al.’s results are made.

(2) Molecular Simulation of Chain-End Defects:
Procedure

The simulations were made using the Polygraf and CERIUS
software packages of Molecular Simulations Inc., using triply
periodic conditions and the default settings of Dreiding II force
field, except for the convergence criteria (RMS force in (kcal/
mol)/A and RMS gradient in (GPa/A) set at 0.005). We used
PBZO molecules rather than PPTA molecules because PBZO
has a less developed three dimensional nature as well as no
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Figure 1. Schematic of the simulations of various lengths.

hydrogen bonds. The total energy as a function of shifting
between PBZO molecules shows less pronounced minima than
in the case of PPTA. As a result the simulations for PBZO
are less computationally intensive. In addition, PBZO is more
appropriate for comparison with our constitutive model, which
assumes uniform interaction between continuous molecules.
A two-chain PBZO periodic unit cell was created using the
draw facility of Polygraf and minimized. The elementary unit
cell of size ¢, in the z or molecular axis direction was then
extended using CERIUS into two, four, eight, and sixteen unit
cells, of lengths 2¢, 4c, 8¢, and 16c. Chain ends were
introduced into each extended unit cell and the simulations
were minimized in Polygraf.

The coupled chain-end defects were created by cutting a
C—C single bond connecting the benzene ring to the hetero-
cyclic group and attaching a hydrogen atom at each end. This
procedure introduces a compressive strain (relaxation strain)
near the chain ends. The extent and implication of this
relaxation strain are discussed further. The ability to increase
the length of the simulation in the chain direction makes it
possible to systematically increase the length or molecular
weight of the molecules, e.g. decrease the density of the coupled
chain-end defects. Figure 1 is a schematic of the simulations
of various lengths. The linear defect densities are 0 for
infinitely long molecules to 0.0625 unit cell™! for the biggest
simulation of 16 cells.

In order to determine the influence of chain ends on
mechanical tensile properties, stresses of 0.25—1 GPa were
applied in the z direction. The lengths of the extended unit
cells were recorded to calculate tensile moduli. The coordi-
nates of the carbon atoms shown by arrows on Figure 2 were
obtained from CERIUS and were used to calculate the tensile
strains ¢; along the chain 1. Relaxation strains resulting from
the small size of the voids between chain ends were determined
by comparing the simulations containing defects to the simu-
lation of the unit cell representative of infinitely long PBZO
molecules. Mechanical strains were determined by comparing
the simulations prior to and after applying the external load.

(8) Molecular Simulation of Chain-End Defects:
Results

Figure 3 shows the minimum energy configuration of
PBZO0, as minimized by Polygraf. The PBZO structure
has been previously studied by Martin and Thomas.11.20
The laterally associated neighboring molecules are
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Figure 2. Schematic of the PBZO molecules. The atomic
coordinates used to define the strains are indicated by arrows.
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Figure 3. Minimum energy configuration of the PBZO crystal
structure.

displaced by +1/4 with respect to one another. The
benzene rings and heterocyclic groups are nearly copla-
nar. The optimum unit cell parameters are a = 0.3548
nm, b = 1.1938 nm, ¢ = 1.2166 nm, a. = 90.003°, 8 =
89.997°, and y = 79.275°. These are comparable to the
cell parameters obtained with an earlier version of the
Dreiding II force field.1!

The relaxation strain distribution along a molecule
of a 16-cell simulation is plotted in Figure 4. The strain
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Figure 4. Relaxation and mechanical strain distribution for
a 16-cell simulation. The relaxation strain results from the
geometry of the simulations. The mechanical strain results
from the 0.5 GPa applied tensile stress.

is plotted for each unit: the benzene ring denominated
by m for “mono-ring”, the heterocyclic group denomi-
nated by t for “tri-ring”, and the carbon—carbon single
bonds cc. The molecules are in local compression near
the ends and in local tension where the ends belong to
the nearby chain. Our procedure for creating the chain
ends is responsible for the observed relaxation of the
ends due to repulsive interactions between the hydro-
gens. This was verified by minimizing an 8c extended
unit cell containing voids of length one unit cell. In this
case no relaxation strain was observed.

The mechanical tensile strain distribution for a 16-
cell simulation is also shown in Figure 4 for an applied
stress of 0.5 GPa (average tensile strain of 0.000 95).
Different curves are apparent for the different units of
the molecules, emphasizing the heterogeneity of the
local stiffness along the molecule. The units in order
of increasing stiffness are the benzene rings (m), the
heterocyclic groups (t), and the carbon—carbon single
covalent bonds (cc) which deform the least. The various
stiffnesses of the moieties along the backbone of ex-
tended-chain polymers have been shown before.?! Wier-
schke performed a molecular deformation analysis of
various polymers in tension by examining changes in
the lengths and angles of units such as the phenyl
moiety, the heterocyclic moiety, and carbon—carbon
bonds connecting the two groups.2! He used the results
to explain the different moduli and strengths exhibited
by various molecular structures.

The strain distribution along the molecule indicates
that stress transfer occurs in a shear-lag region at the
molecular ends. The strain is close to zero near the
chain end, and the stress is necessarily transferred to
the nearby molecules. The strain builds up to the
average applied strain along the length. The highest
strain is found where the chain ends are in the nearby
chains and cannot carry their share of the applied load.
Thus at the chain ends, the applied tensile load is
transferred through intermolecular bonds via a shear-
lag mechanism. The observed stress transfer mecha-
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Figure 5. Tensile modulus as a function of chain length.

nism is similar to the mechanism observed in discon-
tinuous fiber composites and is the basis of our
constitutive model.

Local molecular deformation in organic fibers has
been investigated with Raman spectroscopy. For a wide
variety of high-performance fibers, the Raman bands
shift to different wavenumbers on the application of
strain, indicating that mechanical deformation leads
directly to molecular deformation in the fiber.22-25
Various studies have shown the applicability of Raman
spectroscopy in measuring the stress distribution of
individual reinforcement fibers in composites.26-2% For
single fibers in a matrix, the shear-lag analysis proposed
by Cox provides an analytical solution of the fiber load
distribution.?? No spectroscopy technique presently
exists that has the resolution to measure the local stress
distribution along individual molecules.

The elastic modulus decreases with the chain-end
defect density, as shown in Figure 5. A coupled chain-
end defect every eight unit cell or every 10 nm on all
the chains decreases the modulus by more than half.
However this result should not be interpreted too
quantitatively. Due to the small size of the voids, a
small proportion of the tensile stress may be transferred
at the chain ends, increasing the modulus. Also, an
externally applied tensile stress may relieve the relax-
ation strain in addition to deforming the extended unit
cell, thus lowering the apparent modulus. Future work
needs to be done to investigate the effect of the size of
the voids. The decrease in modulus with coupled chain-
end density should be taken as an expected trend. The
load transfer capabilities may become even more im-
portant in real extended-chain fibers where the macro-
molecular length is of the order of 100 nm, but where
the chain ends may be segregated.12

(4) Constitutive Model: Analysis

As shown by the molecular modeling results, an
oriented polymer of extended molecules of finite length
may be considered as a microcomposite in which the
molecules are bonded to one another through secondary
bonds. The stress concentrations in a composite and
the stress transfer process at fiber ends have been
studied extensively.30~32 Here we use a continuum
approach: the molecules of discrete atoms and finite
length are assumed to be discontinuous fibers. We
apply the concepts of engineering composite mechanics
to calculate the local strain distribution along the
molecules and the stress—strain curves. We compare
the theoretical results to the molecular mechanics
results and predict a transition in failure mechanism
from chain slip to chain scission with increased inter-
molecular bond strength or with longer polymer chains.
We also use this model to assess the influence of
intermolecular shear strength, intermolecular shear
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tive model.

modulus, and chain length on the fiber elastic and
ultimate tensile properties.

The following approximations are made in the present
work. The molecules carry an applied tensile load o.
Stress transfer is made only through a shear-lag region
via secondary bonds; e.g. no tensile load is transferred
at the molecular ends. Normal stresses in the trans-
verse directions are neglected. The molecular chains
behave perfectly elastically in tension, with an intrinsic
molecular tensile modulus E,, up to their intrinsic
tensile strength or. The interchain shear stress—strain
curve is composed of an elastic region of shear modulus
G,, and a plastic region. Intermolecular debonding
occurs as a result of the rupture of the weak secondary
bonds, when the shear stress 7 reaches the intrinsic
shear strength 7,. The debonded interface supports a
shear stress of 7,. Thus two local modes of failure exist,
namely local interchain debonding (when r = 1,) and
chain scission (when o = o).

The model employed, shown in Figure 6, is two-
dimensional and is similar to the geometry of the
molecular simulations for which all the (a, ¢) planes are
identical. As the chains are regularly arrayed in this
model, the equations for stress equilibrium are given
for the representative elementary region surrounded by
the broken line. The center of this region is taken at z
= 0. The geometrical features of the model are the
length of the molecules, 2!, the length of the voids
between molecules, 2a, the distance between the mol-
ecules in the transverse direction, X, and the transverse
dimension of the molecules, D. The length of the
“overlap region” is 2/ = 1 — a.

A schematic representation of the various deformation
stages with increasing stress is shown in Figure 7. At
low applied stresses, the interchain shear stress is
purely elastic. As the applied stress is raised, debonding
occurs first at the ends of the macromolecules at z =
+L where the shear stress is maximum and reaches the
intrinsic shear strength (t = z,). With a further increase
of the applied stress, the debonded length increases and
the elastic shear region is constrained within —z, < 2
< 2,. Failure occurs either by chain scission, when the
maximum tensile stress on the chains reaches the
intrinsic molecular tensile strength of or by chain
slippage, when interchain debonding has occurred along
the whole length of the superimposed macromolecule
region. As a result of the symmetry of the model, the
same occurs also in all other “elementary cells”.

Yoon’s assumptions for his fiber strength theory are
somewhat different from the present assumptions.1?
Both the length distribution and the chain orientation
are taken into account, respectively, by a most probable
distribution and a Laurentz-IV distribution. The ex-
tended-chain polymer is assumed to be similar to a fiber
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Figure 7. Schematic representation of the deformation stages.

composite, and the model is based on elastic load
transfer between the chains and a matrix. Therefore
the stress distribution on the chains is similar to the
stress distribution along a fiber in a single fiber com-
posite. This is not the case in the present model which
assumes that the load transfer is made between neigh-
boring chains through nonbonded interactions, and
which does not require any hypothetical matrix.

Another major difference between Yoon’s approach
and the present approach resides in the value of the
shear stress at the debonded interface.l® Yoon assumes
that the separated matrix/chain interface does not
support any load. In this case the debonding phenom-
enon corresponds to a shortening of the “useful” chain
length. Our assumption however is that the debonded
interchain interface supports a maximum shear stress
7,. For comparison purposes, calculations were made
using a zero shear stress at the debonded interchain
interface. For the model used here, it was found that
such an assumption would lead to an instability at the
onset of debonding; e.g. the debonded length would
“decrease” (from zero) with an increasing applied stress.

Finally, Yoon does not use a simple chain fracture or
chain slippage criteria to calculate the polymer tensile
strength.!® The chains are assumed to be infinitely
strong; thus fiber failure cannot occur by simple chain
fracture. The sum of the average tensile load on
individual bridging chains with a “fracture zone” is
considered. This fracture zone is a slice of the fiber
representative of the entire fiber, containing ending
chains and bridging chains (for which the ends are not
within the fracture zone). The tensile strength is
obtained by maximizing the total load with respect to
the debond length value.

Equations of Stress Equilibrium. The equations
of stress equilibrium are presented for the deformation
stage containing both elastic and debonding shear
regions. For simplicity the regions for —L < z < —z,,
—2¢ < 2 < 2,, and 2, < 2z < L are named regions A, B,
and C, respectively. Two constants, characteristics of
the parameters in the model and with dimensions
of inverse length, are defined: p = 2/D and ¢t =

Macromolecules, Vol. 28, No. 18, 1995

4G /XE D. Large values of p are obtained for narrow
molecules, e.g. a high polymer density. Similarly, large
values of ¢ correspond to a low material anisotropy (high
GJ/E, ratio) and to a high polymer density (low XD). A,
B, C,, Cs3, and Cj3 are constants. The tensile stresses
and displacements on chains 1 and 2 are respectively
01, 02 and uy, us.

The forces applied on an element of chain 1 of length
6z are —o1D?, (01 + 601)D?, and —2tDdz. The stress
equilibrium equations are

d0,D* — 2tDoz ) do,

—————=0 onchainlor a—pr=0
D6z D

and

6021)2 + 2tDédz do,

———— =0 onchain2or —+pr=0
Dz P

The basic equations

du,
g, =E

03 and 09 =

become by differentiating and inserting (1) and (2)

d%u, d®u,
pt=E, Frl and -pr=E, el (3)
(4)
For regions A and C, the shear stresses are
TA=Tc=T (5)
so
04 =ptz+C, forregion A (6)
and
0,c=ptz+C, forregion C (7)

For region B, the shear stress is defined by

g = Go X 8)

Differentiating this equation twice with respect to z and
inserting (8) and (4) gives the following differential
equation in 7:

d’ry 2Gp d’ry
@ X T g et ©

General solutions for tg, 018, and ozp are obtained from
(9), (1), and (2):

= A exp(tz) + B exp(—t2) (10)
exp(tz) exp(—tz) +C; (11)

Ogp = —% exp(tz) + % exp(—tz) + C; (12)
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Boundary Conditions and Solutions. The bound-

ary conditions to solve the integral constants A, B, Cj,
Cs, and C3 and the length z, are given as follows.

(a)Atz=0,0=0s=0—A=Band C; =g, so
(11) becomes

015 = 224 sinh(tz) + 0 1)
and (10) becomes
= 2A cosh(¢z) (10"

(b) At z = —L, 01 = 0 — C; = p1,L, so (6) becomes

014 =Ptz + L) (6"

()Atz=+L,01c =20 —Cy =
becomes

—pt,L + 20, so (7)

O c =pTz — L)+ 20 (™

(d) At z = z,, TB = Tc = To, 50 (10’) leads to A = 7,/2
cosh(tz,) and becomes

cosh(zz)

™ = Togoshizz,) (10

and (11’) becomes

_p, sinh(¢z)

OB =T °cosh(tz,) 17

(e) At z = 2,, 018 = g1c — (p/t)r, tanh(tz,) + 0 = pry(z, —
L)+ 20

tz, — tanh(tz,) = tL — £ Z (13)
pT,

Equation 13 giving z, may be approximated by

tz,—1~tL - L2 (13)
pT,
assuming that 1
T,
tL—££21 or Gsb(tL—l) (14)
P, t

Thus for a given material and applied tensile stress,
the shear stress and tensile stress (or strain) distribu-
tion along chain 1 are described by (5), (6"), and (7°) for
regions A and C and (10”) and (11”) for the elastic region
B. ForL<z=<L+a,01=2cand 7t=0, and for —L —
a <z=<L,0p=0andr=0. The length z, of region B
may be obtained by solving (13), or (13") if approxima-
tion (14) is met. From the symmetry of the model the
stresses on the rest of chain 1 at z = L + a may easily
be obtained through o1(L + a + €) = 01(L + @ — €) and
L+a+e)=—-1(L+a—e¢.
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Region A Region B Region C

1a 1 =z 0 +z, L L+a

e

Applied tension
Figure 8. Schematic representation of the deformed model.

Finally, the tensile stresses on chain 2 are related to
that on chain 1 by

0y4(2) = 0yc(—2) = ptr(—2 — L)+ 20 (15)

T, sinh(¢
09p(2) = 0yp(—2) = — pT %((;)) +o (16)

Ooc(2) = 014(—2) = pr(—2 + L) amn

Stress-Strain Curves. The global tensile elastic modu-
lus may be calculated using the elementary displace-
ments along z for —L — a < z < L + a. The displace-
ments u; and us of chains 1 and 2 are given by

uy(2) = L% [o@)dx+C*  and  uye) =
V]
E_l' f oy(x) dx + C**
For example:
_ Pt cosh(tz) o te "
up(2) = EF coshitz,) E—oz +C* from (11”)
2
uycle) = %(% - Lz) ?.7}0 +C*  from (7)
2
Ugs(2) =%(— ?2— - Lz) + ?g—oz +C*  from (15)
gp(2) = _pT, cosh(tz) 9,4 0%  from (16)

E 2 cosh(tz )

The general equation for the modulus is

Y length
=odT—— (18)
EA(length)
with length = AC,+ D‘,Fo 2L + 2a and A(length) =

A(AB) + A(BC) + CD’ + A(DE) + A(EF) (see Figure 8).
The changes in length are given by the following
equations:

AAB) = A(EF) = ai—?

1]
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ABO) = [uyp(0) = top(—2)] + [ugp(~2,) — ugs(—L)]

2p7, 1

Vol ) = K = — o —
CD' = 75z O)G = 1u15(0) ~ u55(0) E ¢* cosh(iz,)

ADE) = [u1(L) = uyclz,)] + [uyp(z,) — u1p(0)]
Equation 18 becomes

- L+a (18")

— L)?
221 -+ 5 -2
o\t 2

Nl

Calculations. At low applied stresses for which only
the elastic region B exists, the value for z, calculated
from (13’) is larger than L. In this case z, should be
given the value L, and (10”) and (11”) may be used to
compute the stress distribution along the chains. Using
2z, = L, 1,/0 obtained from (13) is 1/0 = 17/(p tanh{tL))
and the elastic modulus (eq 18') is

E _ L+a
E, 1
L+2a+ t tanh(¢L)

Local debonding starts to occur at the chain ends
when z, = L, or when the applied stress is 0 ~ p1/t (eq
137). At stresses slightly higher than pr,/¢, both the
elastic B and the debonded regions A and C exist and 0
<z, = L. 2z, may be calculated with (13’). As the applied
stress is increased further to a level for which ap-
proximation 14 is wrong, e.g. just before the debond
regions A and C cover the entire length of the chain,
(13) should be used to numerically solve z,. Equations
10”7 and 11” may be used to calculate the stress
distribution along chain 1 for —z, < z < 2,, and (8"), (7"),
and (5) may be used when |z} = z,.

Material failure by slip occurs when all the length of
the chains is debonded. Region B disappears for the
critical z, value of 0. This will occur if failure by chain
scission has not occurred yet. Failure by chain scission
corresponds to the maximum tensile stress on the chain
20 reaching the intrinsic molecular tensile strength o,
or ¢ = o¢2. Failure by slip occurs for z, = 0 which
corresponds to an applied stress of ¢ = pt,L (see (13)).
At this critical stress, the stress distribution along chain
1 is easily computed from (5), (6), and (7’). Equation
18’ gives the modulus.

(5) Constitutive Model: Results

Most of the parameters in the constitutive model were
estimated from the molecular simulation results. The
values for the geometrical features are as follows.

sLength of molecules (2[): typically 100.5 nm (vari-
able).

sLength of voids between molecules (2a): 0.5 nm.

sDistance between molecules in the transverse direc-
tion (X): 0.28 nm, corresponding to Y4 of the b unit cell
dimension.

sTransverse dimension of the molecules (D): 0.28 nm.

The molecular mechanical properties are as follows.

oChain tensile modulus (E,): 525 GPa. This is the
value obtained from the second derivative of the energy
potential by Polygraf on a periodic PBZO crystal.

eInterchain shear modulus (G,): 9 GPa (variable).
The shear moduli obtained from Polygraf are G135 = 2.2
GPa and Ga3 = 9.5 GPa. For our simulations, Gg3 =
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Figure 9. Computed tensile and shear strain distribution
along chain 1, for various applied stresses. Comparison with
the molecular simulation results is made in the last plot.
(Shear modulus = 9 GPa, shear strength = 0.09 GPa, chain
length = 19.2 nm or 16 unit cells.)

9.5 GPa is of interest since the load around chain ends
is transmitted to the nearby chains primarily through
secondary bonds in the b direction.

oChain tensile strength (o¢): 20 GPa (variable), which
is consistent with the results of Kausch.3® Kausch
estimated the force which pulls a tie molecule out of a
polyethylene (PE) and polyamide (PA) crystal. The
maximum axial stress which a perfect PE or PA crys-
tallite is able to exert on a tie molecule was found to be
respectively 7.5 and 22.4 GPa. A 20 GPa stress is also
consistent with a model developed by Termonia et al.
which estimates the ultimate tensile strengths of ex-
tended and oriented PE and PPTA molecules respec-
tively at 24 and 15 GPa.15.16

sInterchain shear strength (1,): 0.09 GPa (variable)
or 1% of the shear modulus. Knoff measured the shear
strength and the shear modulus for a variety of aramid
ﬁbergz1 the ratio of the two parameters being on average
0.05.

The above values were used for all parameters unless
otherwise stated. The variables are the chain length,
the interchain shear modulus, and the interchain shear
strength.

Figure 9 shows the tensile and shear strain along
chain 1 of a region twice the size of the representative
region of Figure 6, for various applied tensile stresses.
The horizontal axis is shown in unit cells (16 unit cells
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Figure 10. Computed tensile, shear, and normalized tensile
strain distribution along chain 1, for various shear moduli. The
applied stress is 0.5 GPa. (Shear strength = 0.09 GPa, chain
length = 19.2 nm or 16 unit cells.)

or 19.2 nm) for comparison with the molecular simula-
tion results of Figure 4, also displayed on the last graph.
The highest applied stress, 3.13 GPa, is the stress
leading to total debonding and therefore failure. The
shape of the strain distributions obtained from molec-
ular simulations and from the constitutive model are
very similar, except perhaps at chain ends. The other
difference arises from the continuum approach to de-
scribe the mechanical response of molecules of discrete
atoms. Nevertheless, the theoretical calculation de-
scribes well the molecular modeling data, showing that
flasticity theory may be applied down to the molecular
evel.

The shear and tensile strain distribution along chain
1 is shown for various shear moduli on Figure 10. The
applied stress of 0.5 GPa is low enough for the inter-
chain shear to remain elastic. Increasing the value of
G, has a similar effect as increasing the length or aspect
ratio of the chains: the stress is transferred at the chain
ends over smaller fractions of the fiber length, and the
maximum shear strain at the ends is lowered. The
normalized tensile strain distributions, obtained from
both the molecular simulations and the constitutive
model, are illustrated in the last graph. Comparison
of the theoretical curves with the simulation results
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Figure 11. Computed normalized tensile modulus as a
function of chain length and of shear modulus (zero applied
stress, shear strength = 0.09 GPa).

demonstrates the suitability of a shear modulus of 9
GPa.

The elastic tensile modulus increases with higher
interchain shear modulus and longer chains, as dis-
played in Figure 11. This results from the chains being
fully stressed along a greater proportion of their lengths
for greater shear moduli and chain lengths. The
increase in tensile modulus with shear modulus is also
described in the Allen and Roche equation outlined in
the Introduction.® The drop in tensile modulus with
decreased chain length is less important than the drop
observed with the molecular simulations. A likely
reason for this apparent discrepancy is the pre-existence
of the relaxation strain, as mentioned before in the
results section of molecular simulations. In Termonia
et al.’s model, the modulus decreases with molecular
weight for both PPTA and PE.1617 For a same molecular
length, of 170 nm for example, the drop in modulus is
greater for PPTA than for PE. This may be due to the
lower number of PPTA molecules per unit surface area
carrying the external load, namely a higher D and X
(respectively dimension of molecule and intermolecular
distance). Termonia explains the difference in modulus
between PPTA and PE in terms of the number of
secondary bonds per length of molecules, assumed to
be proportional to the number of repeat units.16

When the applied tensile stress reaches a certain
threshold, o = prty/t, local interchain debonding takes
place, starting at the chain ends where the shear stress
is highest. It is possible to partition the microstructure
of the polymer into three regions: the void, the length
of chain submitted to elastic shear and the length of
chain submitted to plastic shear or debonded from its
neighbors. The evolution of this microstructure as a
function of increased applied tensile stress is displayed
on Figure 12 for a chain length 2/ of 100.5 nm. The
void increases in size with higher applied load. Plastic
shear or debonding starts to occur for an applied stress
of 0.7 GPa, and the debonded region grows at the
expense of the elastic shear region until global failure
occurs, in this particular case by chain scission for the
applied stress of 10 GPa.

The graph of Figure 12 may be summarized by
plotting the evolution of the elastic length z, with
increased applied tensile stress. Figure 13 shows the
variation of z, as a function of the applied stress for
various chain lengths, shear strengths, and shear
moduli. The original value of z,is L = (2] — 2a)/4 or a
quarter of the chain length minus a quarter of the void
length, for example 25.0 nm when the chain and void
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Figure 12. Micromechanics of deformation as a function of
the applied tensile stress (shear modulus = 9 GPa, shear
strength = 0.09 GPa, chain length = 100.5 nm).
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Figure 13. Computed elastic length z, as a function of the
applied stress, for various chain lengths, shear strengths, and
shear moduli. (Unless varied, the defaults values are shear
modulus = 9 GPa, shear strength = 0.09 GPa, chain length =
100.5 nm.)

length are respectively 100.5 and 0.5 nm. z, decreases
from its maximum value to 0 at which point total
debonding and chain slip occurs, unless failure by chain
scission occurs first. The rate of decrease of the elastic
region with increased stress is dz/do = —1l/pr, if
approximation 14 is right, e.g. when 2, is not yet close
to zero. As seen in Figure 13, this rate is independent
of the chain length. Thus chain slip occurs at a lower
applied stress for shorter chains because the length
available for debonding is shorter. Similarly, the rate
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Figure 14. Computed stress—strain curves for various chain

lengths, shear strengths, and shear moduli. (Unless varied,

the defaults values are shear modulus = 9 GPa, shear strength

= 0.09 GPa, chain length = 100.5 nm.)

of decrease of the elastic region with increased stress,
dz/do, is independent of the shear modulus. z, itself
depends little on the shear modulus; thus, increasing
the shear modulus of the material does not slow down
the growth of the debonded length with increased
applied stress. Finally, the shear strength plays a major
role on the decay of the elastic region with increasing
stress. Increasing the shear strength of the material
reduces the extent of the debonded region, because
debonding starts at a higher stress and because the
debonded region grows with increasing stress at a
slower rate.

Stress—strain curves obtained for various chain
lengths, interchain shear strengths, and interchain
shear moduli are shown on Figure 14. The maximum
stress of 10 GPa corresponds to the material’s failure
by chain scission. Variations in the interchain shear
modulus modify the elastic tensile modulus, as seen
previously, but do not visibly affect the global shape of
the stress—strain curves. In contrast, both the chain
length and the intermolecular shear strength have
considerable influence on the shape of the curves and
on the failure modes. Failure occurs by chain slip for
the shorter chains and lowest shear strengths, and by
chain scission for longer chains and higher shear
strengths.
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Figure 15. Computed tensile elastic strain, plastic strain,
strain to failure, and strength as a function of shear modulus
(shear strength = 0.09 GPa, chain length = 100.5 nm).

Such a transition in failure mode has been observed
by Penning et al. on cross-linkable high molecular
weight polyethylene.35 The un-cross-linked fibers dis-
play a highly fibrillar fracture surface whereas the
cross-linked fibers do not show such an extensive
fibrillation. Penning points out that the observed
difference in fracture morphology between cross-linked
and un-cross-linked fibers is not related to a ductile to
brittle transition, since the strength and strain at break
are almost identical. The observed difference in fracture
morphology seems to be related to a chain slip to chain
scission transition and may be explained by an increase
in shear strength between chains or shearing elements
resulting from the cross-linking reaction. A transition
in failure mode has also been observed by Termonia et
al., in their kinetic approach to the fracture of a perfectly
oriented PE fiber.!® Fracture propagation is due to
predominantly intermolecular slippage for low molec-
ular weights and to both slippage and chain scission for
higher molecular weights. For PPTA however the
failure has been found to be catastrophic chain scission,
due to the high stress concentration.!®

It was shown earlier that an increased interchain
shear modulus raises the initial tensile modulus. Yet
the shear modulus has little influence on the ultimate
properties, as shown on Figure 15. Note, however, that
the model assumes a shear modulus and shear strength
independent of each other, an assumption not quite
correct, as shown by Knoff on torsional experiments of
various aramid fibers.3* In contrast, the molecular
length and the intermolecular shear strength both
influence the stress and strain to failure considerably,
as shown in Figures 16 and 17. The evolution of the
elastic and plastic strains and of the strain to failure
are plotted in Figure 16 as a function of chain length
and interchain shear strength. The debonding phenom-
enon is important, as emphasized by some interchain
debonding or plastic shear being present during most
of the deformation. The polymer’s strain to failure and
strength are predicted for all combinations of shear
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Figure 16. Computed tensile elastic strain, plastic strain, and
strain to failure as a function of chain length and shear
strength (shear modulus = 9 GPa). (Unless varied, the
defaults values are shear strength = 0.09 GPa, chain length
= 100.5 nm.)
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Figure 17. Computed tensile strength and strain to failure
as a function of chain length and shear strength (shear
modulus = 9 GPa). '

strength/chain length on the two-dimensional maps of
Figure 17.

At low intermolecular shear strength or for short
chains, failure of the polymer occurs by slippage be-
tween the chains. In this case longer chains or a higher
shear strength will improve both the strength and strain
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to failure of the fiber. At higher shear strength or for
longer chains, failure occurs because of the rupture of
the covalent bonds, before total interchain debonding.
Increasing the chain length or the shear strength then
has no consequences on the material strength, which
only depends on the intrinsic molecular tensile strength.
However, the strain to failure is lowered as a result of
the higher stiffness and, consequently, the energy to
failure decreases for increased chain length and shear
strength. ,

Thus in the molecular engineering of strong, tough
oriented polymers, an optimum combination of chain
length and shear strength must be chosen. This com-
bination will lead to the highest strength, strain to
failure, and toughness and corresponds to failure having
the same likelihood to occur by interchain slippage (o
= pt,L) or chain rupture (o = 0¢2), e.g. /o = 1/(2pL).

The following equation
Yt___ 1 . ,1D
or  2p(2l/4 - a/2) 722l

(with Z being the number of neighbors)

or

interchain shear strength __
chain tensile strength
1 chain dimension

(number of neighbors)? chain length

relates molecular properties for maximum tensile
strength and elongation to failure. If we assume that
polymers can be synthesized and tailored to a given
molecular weight, molecular dimension, chain tensile
strength, and interchain shear strength, then this
simplified equation indicates how polymers should be
made for maximum energy and stress to failure. The
more anisotropic the materials properties (low 7,/0¢
ratio), the higher the aspect ratio (low D/2[ ratio) should
be to optimize toughness and strength.

Bartenev et al. also found that the dependence of
theoretical tensile strength on the molecular weight is
related to the strength of the intermolecular interac-
tions.14 For fully oriented Kapron containing hydrogen
bonds, Bartenev shows that failure occurs by chain
scission without much slippage, and the molecular
length practically exerts no effect on the strength.
However for oriented polyethylene or weak intermo-
lecular interaction, the dependence of the strength on
chain length is much stronger, and slippage between
macromolecules is predicted.

In Yoon’s theory of the strength of highly oriented
liquid crystal polymers, the tensile strength is propor-
tional to the interchain shear strength.!® This is similar
to our model for a polymer failure by interchain slip-
page. Yoon’s theory assumes that the polymer locally
fails when the shear stress exceeds a critical shear
strength, and does not take into account simple chain
scission. Yoon concludes that any process which in-
creases the shear strength will also increase the polymer
tensile strength. In our model, the tensile strength will
also rise with increased shear strength but onlyup to a
maximum value.

A linear relationship between the experimentally
determined tensile strength and the experimentally
determined shear strength was obtained by Knoff for a
number of aramid fibers.®* The hypothesis used to
justify these observations was that aramid fiber failure
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Figure 18. Computed normalized tensile modulus and strength
as a function of chain length (shear modulus = 9 GPa, shear
strength = 0.09 GPa).

occurs when the shear force at a discontinuity exceeds
the shear strength of the bond between the fibrous
subcomponents; therefore for the case of elastic shear
stress/strain behavior, the tensile strength should be
directly proportional to the shear strength. This is
similar to the hypothesis and results of our constitutive
model for a failure by chain slippage. One difference
between our and Knoff's hypotheses resides in the size
of the shearing elements, characterized in our model by
a size D. For our constitutive model we assume shear
between individual molecules, whereas Knoff assumes
shear between fibrous subcomponents.

In Termonia et al’s analysis, the tensile strength
increases with molecular weight for both PPTA and
PE.15"17 The drop of the strength with increased chain-
end density or inverse of length is sharper for PE than
for PPTA. This could be explained by a higher inter-
chain shear strength for PPTA than for PE resulting
from the presence of hydrogen bonds.

In a review article on micromechanical modeling of
composites, Reifsnider presented a micromechanical
model of tensile strength in composite polymer materi-
als.3¢ The model is a representation of the balance
between two competing effects: the tendency for fiber
fractures to join together and lower the bundle strength
(low matrix shear strength) and the tendency for broken
fibers to break neighboring fibers due to stress concen-
tration effects (high matrix shear strength). The model
predicts an optimum value for the matrix shear strength
leading to maximum composite strength, corresponding
to the balance between low bundle strength and the
local stress concentration limitations. These concepts
are comparable to those developed here for polymers of
oriented macromolecules. With a random chain-end
distribution, the tensile stress concentration intensity
would not necessarily be 2, and the predicted tensile
strength may not plateau but may decrease with
increased interchain shear strength for failure by chain
scission.

One should note that short molecular lengths are
much more detrimental to the strength than to the
elastic modulus, as illustrated in Figure 18. The
deleterious effect of chain-end defects on tensile strength
has been observed before on cross-linkable extended-
chain fibers where the cross-linking reaction is thought
to be accompanied by chain scission and radical forma-
tion.3738 In Termonia’s modeling data for PE and PPTA,
the same trend is observed; e.g. the drop in strength
with the inverse of the chain length is sharper than the
drop in modulus.16:17

In conclusion, the constitutive model described here
gives an analytical solution for the tensile response of
an ideal chain polymer of finite molecular length. We
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show how macroscopic mechanical properties such as
tensile strength and elastic modulus may be optimized
by changing various intrinsic material parameters. The
model describes the mechanical response of an ideal
material, which leads to a few simplifications. For
example, the polymer contains periodic weak planes
perpendicular to the chain axis where the chain ends
concentrate, the stress concentration factor is always 2
or the number of neighbors for a given chain, and local
shear failure or chain scission becomes a global failure.
It is therefore not possible to study the failure initiation
and propagation stages independently. Nevertheless
the fundamental principles that govern the process of
the polymer deformation and fracture are described.
More work needs to be done to take into account the
random placement of chain ends and the molecular
weight distribution.

A numerical solution could easily be applied to various
material geometries. In this case failure may occur by
slip or by chain scission, and also by both slip and chain
scission for intermediate chain lengths and shear
strengths. The criteria for failure will be to find a
continuous path of broken chains and/or of debonded
chains through the material. A numerical solution for
the mechanical response of cross-linked oriented poly-
mers could also give insight. The effect of introducing
cross-links between the molecules should be to increase
the apparent or effective molecular length, change the
size of the shearing elements, and/or create a distribu-
tion of shear strengths.

(6) Conclusions

sMolecular modeling of periodic crystals of PBZO
demonstrates that oriented polymers of extended-chain
molecules of finite length are analogous to microcom-
posites of discontinuous fibers. The local strain distri-
bution along an individual molecule shows that near
chain ends, most of the stress is transferred to the
nearby chains through a shear lag region via secondary
bonds.

*A constitutive model is developed for a geometry
similar to the PBZO molecular simulations, for which
the molecules of finite length are represented by dis-
continuous fibers or chains. The calculated strain
distribution along the chains of the model is similar to
that along the PBZO molecules in molecular simula-
tions. This result shows that elasticity theory may be
applied down to the molecular level.

eRaising the value of the intermolecular shear modu-
lus has the same effect as raising the length of the
molecular chains for an elastic shear deformation: the
stress is transferred over smaller fractions of the chain
length at the ends, and the tensile modulus is increased.

«Stress—strain curves are calculated, showing a fail-
ure transition from chain scission to chain slip as the
chains become shorter or as the intermolecular shear
strength is decreased.

oThe influence of shear modulus, shear strength, and
chain length on material properties such as strength
and strain to failure is examined. It is shown that the
interchain shear modulus alters the initial elastic
modulus but has almost no impact on ultimate proper-
ties. However optimum combinations of shear strength/
chain tensile modulus ratio and chain aspect ratio lead
to maximum strength, strain to failure, and toughness.
These optimum conditions correspond to a failure that
has the same likelihood to occur by chain slip or by chain
rupture, e.g. when the relation
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is satisfied. Thus the more anisotropic the materials
properties (low 7,/0r ratio), the higher the aspect ratio
(low D/2] ratio) should be to optimize toughness and
strength.

Acknowledgment. This research was supported by
the U.S. Army Advanced Concept Technology Commit-
tee (DAAKS6-92-K-0005). Generous support was pro-
vided from DuPont, Hoechst-Celanese, and the NSF
National Young Investigator Program (NSF-DMR-
9257569). The authors are grateful to Prof. J. R. Barber
(Department of Mechanical Engineering and Applied
Mechanics, University of Michigan), and Dr. S. R. Allen
(DuPont) for helpful discussions.

References and Notes

(1) Staudinger, H. Die Hochmolekularen Organischen Verbind-
ungen; Verlag Von Julius Springer: Berlin, 1932; p 111.

(2) Yang, H. H. Aromatic High-Strength Fibers, Wiley-Inter-
science: New York, 1989,

(3) Cohen, Y.; Frost, H. H.; Thomas, E. L. Structure Formation
and Phase Transformations in Solutions of Rigid Polymers.
In Reversible Polymeric Gels and Related Systems; Russo, P,
S., Ed.; American Chemical Society Symposium Series;
American Chemical Society: Washington, DC, 1987; Chapter
12.

(4) Martin, D. C.; Thomas, E. L. Ultrastructure of Poly(p-
phenylenebenzobis(oxazole) Fibers. Macromolecules 1991,
24, 2450—2460.

(5) Northolt, M. G.; Van Aartsen, J. J. Chain orientation
distribution and elastic properties of poly(p-phenylene tereph-
thalamide), a rigid rod polymer. J. Polym. Sci. 1977, 58,
283—296.

(6) Northolt, M. G. Tensile deformation of poly(p-phenylene
terephthalamide) fibers, an experimental and theoretical
analysis. Polymer 1980, 21, 1999—1204.

(7) Northolt, M. G.; Hout, R. V. D. Elastic extension of an
oriented crystalline fiber. Polymer 1985, 26, 310-316.

(8) Allen, S. R.; Roche, E. J. Deformation behavior of Kevlar
aramid fibers. Polymer 1989, 30, 996-1003.

(9) Penning, J. P.; Van der Werff, H.; Roukema, M.; Pennings,
A. J. On the theoretical strength of gel spun/hot drawn ultra-
high molecular weight polyethylene fibers. Polymer Bull.
1990, 23, 347—-352.

(10) Shuppert, A. A. A model for the creep of oriented high-
modulus fibers. Makromol. Chem. Theory Simul. 1998, 2,
643—-651.

(11) Martin, D. C. Intermolecular Twist Defects in Extended-
Chain Polymers. Macromolecules 1992, 25 (20), 5171-5177.

(12) Predecki, P.; Statton, W. O. Dislocations caused by chain ends
in crystalline polymers. J. Appl. Phys. 1966, 37 (11), 4053—
4059.

(13) Morgan, R. J.; Pruneda, C. O.; Steele, W. J. The relationship
between the physical structure and the macroscopic deforma-
tion and failure processes of poly(p-phenylene terephthala-
mide) fibers. J. Polym. Sci., Polym. Phys. Ed. 1988, 21,
1757—-1783.

(14) Bartenev, G. M.; Valishin, A. A. Theoretical strength of
polymers in a completely oriented state. Mekhanika Polimerov
1970, 3, 458—464.

(15) Termonia, Y.; Meakin, P.; Smith P. Theoretical Study of the
Influence of the Molecular Weight on the Maximum Tensile
Strength of Polymer Fibers. Macromolecules 1985, 18, 2246—
2252,

(16) Termonia, Y.; Smith, P. Theoretical study of the ultimate
mechanical properties of poly(p-phenylene terephthalamide)
fibers. Polymer 1986, 27, 1845—1849.

(17) Termonia, Y.; Smith, P. Effect of chain-end segregation on
the theoretical tensile strength of polyethylene and Kevlar.
Polym. Commun. 1989, 30, 66—68.

(18) Termonia, Y. Effect of Size on the Strength of Polymeric
Fél;ers. J. Polym. Sci., Part B: Polym. Phys. 1995, 33, 147—
152.

(19) Yoon, H. N. Strength of fibers from wholly aromatic polyes-
ters. Colloid Polym. Sci. 1990, 268, 230-239.



6174 Jones and Martin

(20) Martin, D. C.; Thomas, E. L. Macromolecules 1991, 24 (9),
2450—2460.

(21) Wierschke, S. G. A Computational Study of the Tensile and
Compressive Properties of Ordered Polymers via the Austin
Model 1 (AM1) Semi-Empirical Orbital Method. Wright-
Patterson Air Force Base Report No. AFWAL-TR-88-4201;
Wright, Patterson AFB: Dayton, OH, June 1986.

(22) Young, R. J.; Lu, D.; Day, R. J.; Knoff, W. F.; Davis, H. A,
Relationship between structure and mechanical properties
for aramid fibers. J. Mater. Sci. 1992, 27, 5431—-5440.

(23) Young, R. J.; Yeh, W.-Y. Chain stretching in poly(ethylene-
terephthalate) fiber. Polymer 1994, 35 (18), 3844—3847.

(24) Prasad, K.; Grubb, D. T. Deformation behavior of Keviar
fibers studied by Raman spectroscopy. . Appl. Polym. Sci.
1990, 41, 2189—-2198.

(25) Vlattas, C.; Galiotis, C. Deformation behavior of liquid crystal
polymer fibers: 1. Converting spectroscopic data into me-
chanical stress-strain curves in tension and compression.
Polymer 1994, 35 (11), 2335-2347.

(26) Fan, C. F.; Waldman, D. A,; Hsu, S. L. Interfacial effects on
stress distribution in model composites. oJ. Polym. Sci., Part
B: Polym. Phys. 1991, 29, 235—246.

(27) Andrews, M. C.; Young, R. J. Analysis of the deformation of
aramid fibers and composites using Raman spectroscopy. .
Raman Spectrosc. 1998, 24, 539~544.

(28) Andrews, M. C.; Day, R. J.; Patrikis, A. K.; Young, R. J.
Deformation micromechanics in aramid/epoxy composites.
Composites 1994, 25 (7), 745—-751.

(29) Cox, H. L. J. Appl. Phys. 1952, 3, 72,

Macromolecules, Vol. 28, No. 18, 1995

(30) Aspden, R. M. Fiber stress and strain in fiber-reinforced
composites. J. Mater. Sci. 1994, 29, 1310—-1318.

(81) Gulino, R.; Schwartz, P.; Phoenix, S. L. Experiments on shear
deformation, debonding and local load transfer in a model
graphite/glass/epoxy microcomposite. J. Mater. Sci. 1991, 26,
6655—6672.

(82) Ochiai, S.; Hojo, M. Stress distribution in discontinuous fibers
in a model composite. J. Mater. Sci. 1994, 29, 2754—2760.

(33) Kausch, H. H. Polymer Fracture; Springer-Verlag: Berlin,
Heidelberg, New York, 1978; pp 103—104.

(34) Knoff, W. F.; Relationship between the tensile and shear
strength of aramid fibers. J. Mater. Sci. Lett. 1987, 6, 1392~
1394.

(35) Penning, J. P.; Pras, H. E.; Pennings, A. J. Influence of
chemical crosslinking on the creep behavior of ultra-high
molecular weight polyethylene fibers. Colloid Polym. Sci.
1994, 272 (6), 664—676.

(36) Reifsnider, K. L. Micromechanical modelling of polymeric
composites. Polymer 1994, 35 (23), 5035—5040.

(37) Glomm, B.; Rickert, C.; Neuenschwander, P.; Suter, U. W.
Thermal crosslinked rigid-rods aramids, 2, fiber spinning and
fiber properties. Macromol. Chem. Phys. 1994, 195, 511—
524,

(38) Jiang, T.; Rigney, J.; Jones, M-C. G.; Markoski, L. J.; Spilman,
G. E.; Mielewski, D.; Martin, D. C. Processing and charac-
terization of Thermally Cross-Linkable PPTA-co-XTA Co-
polymers. Macromolecules 1995, 28, 3301—-3312.

MA950163L



